The growth of voids has a great impact on the mechanical properties of ductile materials by altering their microstructures. Exploring the process of void growth at the nanoscale helps in understanding the dynamic fracture of metals. While some very recent studies looked into the effects of the initial geometry of an elliptic void on the plastic deformation of face-centered cubic metals, a systematic study of the initial void ellipticity and orientation angle in body-centered cubic (BCC) metals is still lacking. In this paper, large scale molecular dynamics simulations with millions of atoms are conducted, investigating the void growth process during tensile loading of metallic thin films in BCC α-Fe. Our simulations elucidate the intertwined influences on void growth of the initial ellipticity and initial orientation angle of the void. It is shown that these two geometric parameters play an important role in the stress-strain response, the nucleation and evolution of defects, as well as the void size/outline evolution in α-Fe thin films. Results suggest that, together with void size, different initial void geometries should be taken into account if a continuum model is to be applied to nanoscale damage progression.
Introduction
The growth of voids plays a significant role in mechanical properties of metals in various types of environments at different length scales [1] . On the one hand, voids can grow and deform in strained ductile materials, especially in the presence of a large stress triaxiality, before coalescing with each other to form cracks which then propagate and grow, eventually resulting in macroscopic failure [2] . On the other hand, even without the subsequent crack formation, the voids can impede the motion of dislocations, and lead to a higher resolved shear stress for dislocations to bypass larger voids [3] . For example, in nuclear power systems, the metallic components of reactors are bombarded by a flux of fast neutrons, which increase the yield stress, reduce the work hardening rate and ductility, and promote flow localization by dislocation channeling [4, 5] . During the growth of voids, defects (e.g. dislocations, twins) emission and phase transformation at the void surface, which are important in void deformation, occur at the nanoscale [6, 7] . This renders continuum-based approaches (e.g. the finite element method [8] [9] [10] [11] ) inappropriate for nanovoid growth study. Alternatively, atomistic simulations such as molecular dynamics (MD), which explicitly provide the trajectory of every atom, have attracted a lot of attention and been widely employed to probe the issue of nanovoid growth in the last decade [12] [13] [14] .
Most MD simulations so far, however, have been conducted in face-centered cubic (FCC) systems such as Cu [15] [16] [17] , Ni [18] , and Al [19] . Void growth in other types of lattice, e.g. body-centered cubic (BCC), is less explored due to some challenges in modelling their lattice defects [20] . One challenge is the difficulty of the semi-empirical potentials to accurately predict the energy barrier of the dislocation kink formation, which controls the plasticity in BCC metals at low temperatures [21] . Another challenge in BCC is the complication that the screw dislocation cross-slip is interwined with the kink-pair formation during the dislocation glide [22] , the possible {1 1 2} slip traces between {1 1 0} slip planes [23] , and the less well defined slip planes (than FCC) because of the compact dislocation core [24] . In spite of these challenges, progress has been made by researchers. Xu et al [25] investigated the effects of strain rate, initial porosity, and specimen size in void growth in BCC vanadium. Rudd [26] explored void growth in five BCC metals and found that plastic deformation is dominated by twinning and dislocation emission, respectively, at higher and lower strain rates. Tang et al [27] similarly reported such a slip-to-twinning transition as the strain rate increases, in a voided BCC Ta model subject to a uniaxial tensile strain or a hydrostatic tensile loading; their MD simulations also revealed a special type of dislocation shear loop at the void surface that can expand as partial or perfect dislocations, evolving into prismatic loops through reaction with each other or developing into twins [28] . However, the atomic-scale mechanisms of the effects of the initial void geometry in nanovoid growth, which have recently been explored in FCC metals [16, 19, 29] , remain largely unknown in BCC metals.
In this paper, large scale MD simulations with more than ten million atoms are performed to systematically study the effects of (i) the initial void ellipticity and (ii) the initial void orientation angle in deformed thin films of α-Fe (a highly elastically anisotropic metal), with up to 20% uniaxial strain. Emphasis will be placed on how these two factors influence the stressstrain response, the defect formation, and the void size/outline evolution. Periodic boundary conditions (PBCs) are applied along all three axes to simulate a periodic array of voids in an infinite system. A void, whose cross-sectional area on the y-z plane has an initial ellipticity e a c a
Methodology
, is positioned in the center of the model with its centroid direction throughout the specimen along the x axis, where a and c are the lengths of the void major and minor axes respectively. The initial orientation angle θ is formed between the void major axis and the y axis, where 90 ⩽ θ , as illustrated in figure 1(b) . In our simulations, e varies from 0 (circle), 0.2, 0.4, 0.6, to 0.8 by adjusting a and c, while θ varies from 0 , 15 The embedded-atom method (EAM) potential of Proville et al [30] is adopted to describe the interactions between α-Fe atoms because it accurately predicts the Peierls barrier, hard dislocation core energy, and straight dislocation trajectory between two easy dislocation cores [31] . All atomisitc simulations are carried out using LAMMPS [32] . After a void is formed by removing atoms within a specified shape on the y-z plane, energy minimization using a conjugate gradient algorithm is performed to attain the minimum energy configuration. It follows that the dynamic relaxation is conducted for 20 ps to reach an equilibrium state, after which a uniaxial homogeneous deformation is applied along the y direction at a strain rate of 10 9 s −1 . In all dynamic simulations, a Velocity Verlet algorithm with a time step of 2 fs is employed to update the atomic positions, and a Nosé-Hoover NPT integrator is used to maintain a constant temperature of 10 K. The simulation results are only slightly affected by changing the time step, as dicussed in appendix A. During the tensile loading along the y direction, both L x and L z are allowed to vary to let the normal stresses along the x and z axes vanish, and the void area fraction f on the y-z plane at x = L x /2 is calculated, equaling A A void / , where A void and A are the areas of the void and the simulation domain respectively ( figure 1(a) ). Simulation results are visualized using OVITO [33] , which uses adaptive common neighbor analysis (a-CNA) [34] to identify the local atomic structures. The void area is calculated through surface recognition instead of counting defected volume inside the void; the Matlab code for this is publicly available [35] . Some runs were completed using comet and bridges on Extreme Science and Engineering Discovery Environment (XSEDE) [36] . 
Results and discussion
In this section, we analyze and discuss the stress-strain response (section 3.1), the defect nucleation and evolution (section 3.2), as well as the void area fraction and void outline evolution in the nanovoid growth (section 3.3), when different initial void ellipticity and void orientation angle are considered.
Stress-strain response
The normal stress along the y axis with respect to the uniaxial strain along the same direction are plotted in figure 2 for different initial ellipticity e and initial orientation angle θ, where the case of a circular void is used as a reference in all subplots. The residual normal stress along the y direction in the undeformed model ( 0 ε = ) immediately before the tensile loading is about 100 MPa, which is negligible compared with the maximum uniaxial stress of about 8 GPa. Note that all curves begin with 0.002 ε =
. In all simulations, the initial defect nucleation from the void surface, corresponding to which we denote Y σ as the yield stress, is always prior to the point with the maximum stress. It is found that (1) both the slope of the stress-strain curve prior to the yield point and the flow stress are roughly the same for different e and θ, indicating that the Young's modulus at the elastic stage is invariant with respect to these two factors, and (2) the influence of θ on Y σ is more pronounced in the case of a larger e because, geometrically, a more elliptic void differs more from the circle and thus the effect of θ is more noticeable. Also note that the strain corresponding to the yield stress is the same with varying e and θ, which is in contrast with the FCC metal [16] .
To further analyze the dependence of Y σ on the initial ellipticity e and the initial orientation angle θ, we plot the yield stress Y σ as a function of e and θ in figure 3 . The general trend is that for a fixed e, a larger θ would lead to a smaller Y σ , while for a different θ the effect of e on Y σ varies. Specifically, for a small angle, e.g. 30 , the variation of e takes little effect on the stress-strain response. This is because on the one hand, as will be discussed later in section 3.2, defects always start to nucleate from the top and bottom sides of the void, which have the largest stress concentrations in the specimen; on the other hand, for elliptic voids (e > 0), a larger θ results in a larger curvature of the void's cross-sectional area on the y-z plane at its top/bottom sides, which further intensifies the stress concentrations at these sites and thus advances the yield point and lowers Y σ . From the perspective of damage mechanics, in the case of a small θ, the effective stress along the y axis is decreased by a smaller cross-sectional area of the void on the mid x-z plane [2] , thus the material yields at a higher far field stress, which agrees with our MD simulations.
Defect nucleation and evolution
In this section, we discuss in detail the defect nucleation and evolution near the surface of a void of initial circular shape (e = 0, figure 4) and of an elliptic shape (e = 0.8) with three different initial orientation angles 0 θ = (figure 5), 45 (figure 6), and 90 (figure 7). These four voids are chosen to represent a complete set of e and θ.
For the circular void (figure 4), at a small uniaxial strain ( 0.04 ε < ), the simulation cell expands elastically, and is free of any lattice defects except the void itself. At 0.04 ε = (figure 4(a)), a compact slip band begins to nucleate at both the top and bottom sides of the void. The Snapshots of defect nucleation and evolution at the surface of a circular void. Atoms are colored by the a-CNA [34] : green, red, blue, and white are of local FCC, HCP, BCC, and unknown structures respectively. All atoms with the centrosymmetry parameter [37] smaller than 6 are removed in (a)-(e). The same rendering method is used throughout this paper for all atomic configurations. The line of symmetry of the void with respect to the z direction is marked by a dashed line in (a). The strains corresponding to (a) and (e) are labeled in the stress-strain curve in (f ). The magnified atomic configuration within the dark blue box in (e) is given in (g). edge of the slip band consists of numerous leading partial dislocations on consecutive slip planes [38] . This slip band is manifested by BCC-FCC phase transformation, with a small energy barrier of about 0.122 eV/atom [39] . The occurance of the FCC local structures in the BCC lattice was also found at the crack tip in an α-Fe sample subject to a uniaxial deformation perpendicular to the initial crack plane [40] , as well as during the straining of another BCC metal Mo [41] , both at the same strain rate of 10 9 s −1 as in this work. At a larger strain of 0.044 ( figure 4(b) ), the slip band continues growing asymmetrically with respect to the z axis at the top side of the void; meanwhile, the trailing partial dislocations start to nucleate at the bottom side of the void, terminating the slip band and forming full dislocations on the 1 2 1 (¯) plane. Later, at 0.048 ε = (figure 4(c)), hexagonal close-packed (HCP) local structures are formed near the bottom side of the void as well as inside the slip band near the top side, manifested by the intrinsic stacking faults in the FCC lattice. These stacking faults are formed as a consequence of the emission of Shockley partial dislocations from the void surface into the transitional FCC region [42] . We remark that the martensitic BCC-HCP transition is commonly observed in α-Fe under high pressure [43] . Moreover, two dislocations, gliding on the surface of top and bottom sides of the void respectively, are observed. At 0.056 ε = (figure 4(e)), a full dislocation starts to form at the top side of the void on 1 2 1 (¯) plane. At the bottom side, the leading partial dislocations on the 1 2 1 (¯¯) plane emit from the void surface, transforming the stacking faults to multilayer twins and changing the local lattice orientations [44] , as shown in figure 4(g) . The formation of twins at larger strains agrees with the previous finding that a higher strain rate (i.e. a higher maximum stress in the specimen) transforms the plastic mechanism from dislocation nucleation to twinning [26, 27] .
Overall, a majority of defects nucleate at the top/bottom sides of the void, which is a reflection of the fact that these two sites have the highest stress concentrations in a model subject to a tensile loading along the y direction. We remark that the plastic deformation zone in α-Fe (exhibited by nucleation and evolution of slip bands, full dislocations, and twins) is much more complicated than that in FCC Cu, in which the dislocation nucleation dominates the plasticity [16] . As a result, the development of dislocation density with an increasing strain would not be a good indicator of defect evolution in this work. Also complicated in BCC metals due to the presence of multiple types of defects is the mechanism of void growth. So far, there are three dislocation-emission-based mechanisms: the first and the classical one is void growth via prismatic loop emission, which carries material away [46] ; the second is that the shear loops/curves can expand and cross-slip to form a prismatic loop to grow the void [45, 47] ; the third is through direct mass transport via shear loop/curve emission [17] . We remark that mass transport is associated with the formation of dislocation curves/loops but not their conservative motion. In our simulations, both prismatic and shear dislocation loops, each of which has one Burgers vector, are identified with the help of a dislocation extraction algorithm [48] . While they may contribute to the void growth, it is difficult to isolate them from other lattice defects that are also present at the void surface. Therefore, unlike FCC metals, in which MD simulations validate the last two mechanisms, the void growth mechanism in BCC metals remains less clear and will be our future work.
For an initially elliptic void (e > 0), the detailed process of the defect nucleation and evolution varies with e and θ. A series of atomic configurations of defects near a void with e = 0.8 are shown in figure 5 ( 0 θ = ), figure 6 ( 45 θ = ), and figure 7 ( 90 θ = ). In figure 5 when 0 θ = , e.g. the slip bands with interior FCC atoms on (121) and (¯¯) 1 2 1 planes begin to nucleate at a strain 0.044 ε = ( figure 5(a) ). Later at 0.052 ε = ( figure 5(c) ), a large volume of BCC-HCP phase transformation occurs at the top and bottom surfaces of the void. Then at a larger strain of 0.06 ( figure 5(e) ), the slip bands transform to full dislocations and multilayer twins on {1 1 2} slip planes. At the top surface of the void, the defects are more symmetric with respect to the z axis, compared with an initially circular void. A large amount of twins and BCC-transformed HCP local structures is present near the void top surface, where the local uniaxial stress along the y direction is higher than that for the initially circular void at the same strain of 0.06 [26, 27, 43] , as shown in figure 8 . The defect nucleation and evolution for 45 θ = and 90 are similar to those for 0 θ = , except that compared with the circular void, the difference between the strain at the yield point and the strain corresponding to the maximum stress is larger for the elliptic voids when 90 θ = and smaller when 0 θ = , as shown in subplots (f) of figures 4-7. For all these four voids, the defects at the void surface are asymmetric with respect to the y direction, which may be attributed to (I) the atomic-scale asperity at the void surface, which can significantly modify the defect nucleation [49] , (II) the stochastic atomic trajectories in an NPT ensemble, and (III) the random atomic velocities initialization before the dynamic run; the last two causes for the asymmetry are discussed in appendix B. Figure 9 (a) presents the evolution of the area fraction f of the voids in figures 4-7 as a function of strain ε. Three regimes during the void growth are identified. In regime I, at a small ε, prior to the initial defect emission from the void surface, f varies slowly in all four cases. Then, after the yield point, e.g. at 0.04 ε = for a circular void, as marked by the vertical arrows in figure 9 (a), regime II is initiated. In this regime, f starts to grow much faster due to the defect nucleation at the void surface that pushes some surrounding atoms outwards. Later, at 0.09 ε ≈ for a circular void, regime III starts. In this regime, f decreases slightly before remaining largely invariant with ε. This can be explained by the dynamic balance of the atoms being pulled towards the voids and those being pushed away from the voids, i.e. the saturation of defects. For regimes II and III, all four cases have the similar onset strain, while the onset void area fraction f are different, with the elliptic void of 0 θ = having the lowest onset f. Note that among the four voids, the elliptic void with 0 θ = is the only one with a monotonically declining f after the peak. A further analysis reveals that the decrease in f is due to the void area A void remaining roughly constant while the simulation area A is still increasing ( figure 9(b) ). In comparison, in regime III, the circular void expands at a similar pace as the simulation area A, resulting in an approximately constant f; the other two elliptic voids ( grow faster than A, leading to an increasing f. The outstanding feature in the case of e = 0.8 and 0 θ = is probably because its top and bottom sides are the farthest from the periodic cell boundaries normal to the z axis, which allows more room for defect development prior to the saturation; such a high defect density facilitates pulling more atoms towards the void, and so restrains the void from expanding. Also note that the onset strain for regimes II and III is the same for the four voids, which is in contrast with the FCC metal [16] .
Void area fraction and void outline evolution
The simulation cell area A in all cases increases linearly with the applied strain ε at the same pace prior to the yield point (marked by arrows in figure 9(b) ), as a result of the Poisson's ratio of α-Fe at the elastic stage 0.29 ν =
. Then, at larger strains, in the presence of defects, the simulation cell area A in the four cases begin to differ, with the case of e = 0.8 and 90 θ = having the largest A, i.e. the smallest ν. This quasi-linear evolution of A with respect to ε indicates that the change in the void area fraction f is mainly due to the change of the void area A void .
The outline evolutions of these four voids are displayed in figure 10 . Take the circular void as an example. In regime I ( 0 ε = ), the void size along the y axis increases while that along the lateral z direction slightly shrinks, in the same way as the simulation cell. In regime II ( 0.04 ε = and 0.08), the void grows along both the y and z axes, with the latter at a slower pace, as a result of the defect nucleation and migration pushing the surrounding atoms away from the void. This bi-directional void growth corresponds to the fast increase in the void area fraction f in this regime. The void's cross-sectional area boundary becomes irregular, non-smooth in this regime. The void outline, whose top and bottom surfaces bow out, is no long symmetric with respect to the z axis, corresponding to the asymmetric defect formation as shown in figure 4 . We remark that the bowing out of some part of the void outline, which is also found during crack tip blunting in α-Fe [42] , was not observed in Cu for the same e and ε [16] . In regime III ( 0.12 ε = , 0.16, and 0.2), the void size increases along the y axis only, while that along the z axis shrinks; the pace of the latter is higher than that in regime I. The outline evolution of the elliptic voids (e = 0.8) follows a similar pattern to that of the circle, except that for 0 θ = , the outline of the void at its top surface is more symmetric with respect to the z axis, as a result of the more symmetric defect formation at the same site as shown in figure 5 . Also noteworthy is that the elliptic void with 90 ε = has the largest onset void area fraction for regime III, related to its initial shape approaching an edge crack more than the others [50] . It is expected that with further straining beyond 0.2 ε = , a fracture will develop around the void before expanding to 'reconnect' across the PBCs along the z axis.
Conclusions
In this work, we perform MD simulations with more than 12 million atoms to investigate nanovoid growth in BCC α-Fe thin films subject to large deformation up to 20%. Focus is placed on the effects of the initial void ellipticity e and the initial orientation angle θ of the void-two important factors dictating the initial void geometry-in the void growth progress. Results are summarized as follows:
(i) The initial void geometry not only alters the stress-strain response, from a macroscopic perspective, but also affects the defect nucleation/evolution and the void size/outline evolution, from a nanoscopic perspective; (ii) In terms of the stress-strain response, the effect of θ is more pronounced for a larger e. , the variation of e has little effect. The slope of the stress-strain curve prior to the yield point and the flow stress, however, remain the same for different e and θ; (iii) In terms of the defect nucleation and evolution, the plastic deformation zone in α-Fe is complicated. In general, slip bands mostly composed of FCC atoms nucleate from the void surface right after the yield point, which is always prior to the point of maximum stress. At larger strains, more partial dislocations emit to form full dislocations and stacking faults, along with the phase transformation from BCC to HCP local structure. With the aid of more partial dislocations at an even higher strain, stacking faults can be transformed into multilayer twins; (iv) Based on the void area fraction f evolution with the applied strain ε, three regimes in the void growth are identified: in regime I, prior to the yield point, f varies slowly; in regime II, defects start to nucleate from the void surface, pushing some atoms outwards, resulting in a much higher increase rate of f and a non-smooth void outline; in regime III, the variation of f decays as compared to that in regime II, due to the saturation of defects in the system. In addition, in regime III, the void size in some cases remains relatively constant with ε, leading to a decrease of f when the simulation cell is expanding. The onset void area fraction for the three regimes, as well as the simulation cell area evolution after the yield point, vary as e or θ changes.
We emphasize that this work with circular or elliptic voids lays a solid foundation for future work of the growth of ellipsoids, which requires more geometric parameters for characterization in larger 3-D simulation cells. , the snapshot of defect at the surface of the elliptic void of e = 0.8 with 0 θ = when t 1 ∆ = fs is almost identical to that when t 2 ∆ = fs ( figure 5(b) ).
the atomic velocities before the dynamic run is 1, the same as in section 2. Note that with the NVE ensemble, the temperature is not constant and the lengths of the simulation cell along the x and z axes do not change during the tensile loading along the y direction. Figure B1(a) shows that the defects are asymmetric with respect to the y axis with an NVE ensemble, yet the defect configuration is different from that with an NPT ensemble ( figure 7(d) ). Second, to show that the random atomic velocities initialization might also lead to the asymmetry, we perform two MD simulations without initializing the atomic velocities with, respectively, an NVE or NPT ensemble. The defect is found to be asymmetric, yet with a different configuration, as shown in figures B1(b) and (c). In the end, to understand the influence of the random number seed R seed on the defect configuration, we perform MD simulations at an NPT ensemble with three different R 1 seed = , 2, and 3, as shown in figures B1(d)-(f) respectively. It is found that the value of R seed indeed affects the defect configuration.
